The dislocation densities, surface morphology, and strain of Gal _ x In" As/GaAs epitaxial interfaces as a function of indium composition and layer thickness have been investigated by transmission electron microscopy, medium energy ion blocking, and double-crystal x-ray diffractometry. The electron microscopy shows that in the thinnest dislocated films (90 and 160 nm, x = 0.07) 60· a dislocations form first in one (110) direction at the interface. Surprisingly, however, an asymmetry in residual layer strain is not detected in these samples, suggesting that the dislocations have the same Burgers vector or are evenly distributed between two Burgers vectors. Orthogonal arrays of dislocations are observed in films thicker than 300 nm (60" and edge-type, x = 0.07). In this case, dislocation densities in each OW) direction are equal to within experimental error while an asymmetry in in-plane strain is measured (18% and 30% for x = 0.07,300, and 580 nm thick, respectively). An unequal distribution of Burgers vectors of 60· or edge-type dislocations is considered responsible for the strain asymmetry in these thicker samples.
INTRODUCTION
The formation of dislocations at lattice-mismatched semiconductor interfaces is a subject of continued attention. Much of the work in this area has been concerned with lattice-mismatched (001) interfaces of diamond cubic or zincMende crystals where an orthogonal network of predominantly 60· a12( llO)-type dislocations forms during epitaxial growth. These dislocations are believed to originate by either nucleation and glide from the surface or by multiplication and bending of substrate dislocations already present in the material. 1 In diamond cubic lattices such as Si or Ge 60°-type dislocations are chemically equivalent. In crystals of zinc-blellde symmetry, such as III-V semiconductors, dislocations can be associated with either sublattice. The two types, referred to as a and f3 dislocations, are not chemically equivalent. 2 Asymmetries in the densities of orthogonal arrays of 60" dislocations have been observed at (100) GalnP and GaAsP I GaAs interfaces. therefore suggested that differences in the nucleation rate or mobility of the two types were responsible for the asymmetries observed. More recently, direct observation by transmission electron microscopy (TEM) of the movement of a and f3 dislocations has supported this speculation. s Although the dislocation core structures and hence which sublattice each is associated with is still not clear, the velocity of a dislocations was observed to be much greater than that of f3 dislocations,
We have been concerned with the structural properties of dislocated GaIl1As/GaAs interfaces and have observed an asymmetry in dislocation densities, surface morphology, and layer strain in perpendicular (110) directions. The purpose of this paper is to present the results of an investigation of these interfaces by TEM, optical microscopy, mediumenergy ion blocking (MEIB), and double-crystal x-ray diffractometry (DXD).
II. EXPERIMENTAL WORK
The samples consisted of single Gal _ x lnx As/GaAs interfaces grown by molecular-beam epitaxy at a substrate temperature of 520 or 550 "C, depending on the system. Samples were grown at a uniform In concentration (x = 0.07) to thicknesses ranging from 45 to 580 nm, or from x = 0.025 to 0.2. In each case a GaAs buffer layer was grown prior to the deposition of the GaInAs. The indium composition and thickness of each sample, as measured by Rutherford backscattering spectroscopy (RBS) or crosssectional transmission electron microscopy (XTEM), are listed in Table I . The substrate material and all layers were Si doped at concentrations between 10 17 and 10 18 atoms/em 3 • In one case, a 6O-JLm lateral gradient in the indium composition was created, ranging from 0 to 0.15, by shadowing the indium beam with a sample clip. The crystal defect structure of the interfaces was investigated with TEM in plan view and (110) cross section. Samples for plan-view TEM were prepared by chemical thinning or by mechanical polishing and ion milling (Ar+, 4 keY, 50 JLA) from the backside ofthe substrate. Additional thinning of the GaInAs face was necessary with iHms thicker than approximately 300 nm. Cross sections of interfaces glued face to face with epoxy (Hardman Inc., No. 04005, Belleville, NJ 07109) were thinned by mechanical polishing and ion milling. The TEM observation was carried out with either a JEOL 1200 or 200CX at accelerating voltages of 120 or 200 keY, respectively. Movement or formation of dislocations was not observed in the microscope. Medium-energy ion blocking (MEIB) and double-crystal x-ray diffractometry (DXD) were used to obtain a direct measurement of the strain in the GalnAs layer. The ionblocking experiments measured the position of minima in RBS yields of the substrate and the film aligned in (011) and ( 111) crystallographic directions out of the plane of the interface. Figure 1 shows a schematic diagram of the scattering geometry. 6 The shift in angle of the film-blocking minimum with respect to the substrate-blocking minimum is a direct measure of the lattice strain in the film. In this work, the measurements were made with a 175-keV H+ beam giving a depth resolution of ± 1 nm. An accurate measurement of strain was possible from the top 30 nm of the sample, where ion-beam steering effects were negligible. To obtain ionblocking minima from the unstrained substrate, half of each sample was etched to remove the GalnAs. The detector was a toroidal electrostatic analyzer which enabled simultaneous detection of the backscattered ions as a function of energy and angle over an angular range of 18°. Mechanical movement of the sample was unnecessary except for a vertical translation to select between analysis of the GaInAs or of the exposed substrate. Typically, an ion fluence of7 X 10 14 ions/ cm 2 was required for one measurement. Ion-beam damage was absent in the sample at this dose, as verified with measurements of the yield and position of a blocking minimum for doses up to 1.3 X 10 15 ions/cm 2 • Double-crystal x-ray diifractometry was carried out to measure lattice plane spacings of the film and substrate perpendicular and parallel to the interface. Lattice spacings perpendicular to the interface were measured from rocking curves using the (004) symmetric reflection, while in-plane spacings were determined from {224} asymmetric reflections. To separate the component of peak splitting related to lattice tilts caused by misfit dislocations from the components related to elastic strain, rocking curves were recorded from all four {224} asymmetric reflections. For both the {224} and (004) experiments, a slightly dispersive ( + , -) geometry was used with the Si reference crystal oriented to (224) and (004) reflections, respectively. CuKa radiation produced by a 12-kW rotating anode generator was used in these experiments.
The surface of each sample was studied by optical microscopy with a Nomarski interference attachment and in selected cases by scanning tunneling microscopy (STM). All STM images were acquired with a sample bias of -12.5 V, and a constant tunneling current of 1 nA. The experi~ ments were performed in a low vacuum of about 10--7 Torr, and with no sample cleaning prior to imaging. Electrochemically etched tungsten probe tips were used.
III, RESULTS

Ao Transmission electron microscopy
Plan-view and (OIl) XTEM micrographs of Ga O . 93 InO.07 As/GaAs single interfaces are shown in Fig. 2 . The GaInAs layer thickness ranged from 45 to 580 nm in these samples. Dislocations are detected in all but the thinnest (45 nm) sample. In each case, it can be seen in the crosssection micrograph that the dislocations are located primarily at one depth in the material, corresponding to the interface depth as measured by RBS. Threading dislocations were rarely observed. In plan view the dislocations are aligned along (lW) directions in the (001) interface plane, essentially randomly distributed in a given direction. There is a marked asymmetry in the dislocation density ( number/ em) in the two < 110) directions in the 90-and 160-nm-thick samples. In fact, dislocations were detected in only one direction in the 90-nm-thick sample. (Two TEM samples were investigated, one fabricated by chemical etching and the other by i.on milling. The thinned area in each case was a ring, approximately 0.5 mm in diameter.) An occasional perpendicular dislocation is seen in the 160-nm sample, whereas dislocations in both directions are present in the thicker (300 and 580 nm) samples. Dislocations which form loops above and below the interface can be seen in cross sections in the thicker samples.
Anisotropic etching of a TEM sample from the 90-nmthick sample showed that the < 110) direction perpendicular to the dislocation line direction produced an undercut etch profile. 7 If it is assumed that the extra half-plane resides in the GaAs, then the first dislocations that formed were a dislocations. Orthogonal arrays of dislocations similar to those of the 300-and SSO-nm-thick 03.0.93 In o .!l7 As/GaAs were also observed in the l-,um-thick Gal _ x Inx As/GaAs samples (x = 0.025-0.2). The interface defect structure of these samples as a function orIn concentration is represented well by the one sample grown with a lateral gradient in the indium composition. Figure 3 shows a plan-view TEM micrograph of this sample thinned across the composition gradient. The figure dearly shows that the dislocation density increases laterally as the indium composition or lattice mismatch increases from 0 to 0.15. Note also that in the region of the lowest indium concentration the dislocations are shorter in length, intersecting the surface more frequently. At these smaller strains the formation of the misfit dislocations at the interface by surface nucleation or by bending of threading dislocations may be incomplete.
The average dislocation density D (number/em) in the two perpendicular (110) To obtain a measure of the difference in dislocation densities in the two < 110> directions we define the asymmetry in the dislocation density (A) as half of the difference between the perpendicular densities divided by the average density.
The results for A are listed in Table I . An average A of 5% was observed for all samples with In compositions equal to 0.7 or greater and thicknesses greater than 300 om. An asymmetry as high as 20% was measured for the 0.025 and 0.5 In compositions (1 ,urn thick). However, in each case these asymmetries were less than the respective statistical errors in the measurement ( ± 10%-20%). The only statistically significant values for A in Table I are the asymmetries observed for the 90-and 160-nm-thick samples (0.07 In). The asymmetries observed for these layers were 100% and 90%, respectively. Figure 5 shows plan-view TEM micrographs of an area of the SSO-nm-thick sample (0.7 In) for four imaging conditions, &40' ~oo, gZ20' and g2211' All of the curved dislocations, many of the short dislocations, and some long straight dislocations lose contrast for g220 or g220' We conclude from this that these dislocations, approximately 10% of tIle total, are edge type with Burgers vectors b = a/2( 110) in the plane of the interface. TEM stereograms and cathodoluminescence (CL) studies reported by Fitzgerald et al. 8, 9 on similar specimens have indicated that the curved-edge dislocations correspond to those that loop below the interface.
The remaining straight dislocations go partially out of contrast for the ~()() or &140 conditions. This is evidence that these di.slocations are 60 C -type with Burgers vectors a/ By a similar analysis, the straight dislocations observed in only one direction in the 90-and 160-nm-thick samples were determined to be 60° dislocations. Edge dislocations were not detected in these samples,
The strain relieved by plastic deformation through the 
B. Surface corrugations
It has been known for many years that a corrugated morphology forms on the surface of dislocated interfaces. 10 This surface roughness can be detected by optical microscopy or by scanning electron microscopy (SEM) and ap- pears in the form of perpendicular lines on (001) surfaces running in (110) directions. A N omarski interference photograph of the surface of a I-pm-thick Gao.S5 Ino.ls As/GaAs sample is shown in Fig. 7 (a) . Comparable to other reports in the literature,9-11 perpendicular corrugations aligned along < 110) directions can be seen on the surface of this sample. An asymmetry in. the perpendicular densities of these corrugations is clearly evident. We also find that interfaces with a higher lattice mismatch have a higher density of corrugations and that corrugations are not detected optically either on the surface of pseudomorphic layers or on thinner dislocated samples, such as the 3OG-nm-thick (0.07 In) sample.
The amplitude of the surface corrugations can be measured with STM. Line scans from a < 110) direction on a 1-flm-thick Ga O . 85 InO.15 As layer on GaAs are shown in Fig.  7 (b) . The scan extends over a lateral area of 800 X 800 nm 2 and shows that the amplitude of the surface corrugation is 12 nrn in this case.
Fitzgerald has shown by CL and TEM that the surface corrugations are correlated to dark line defects and to the location of unique groups of dislocations at the interface,
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The corrugations must develop during growth from surface steps created by dislocation formation at the interface. Asymmetries in their densities are therefore related to asymmetries in dislocation Burgers vectors or types.
A rough surface can also be observed after MBE growth in cases of layers with particularly large lattice mismatches (x> 0.18). This type of surface roughness may originate from island growth or other instabilities in the layer which are perhaps unrelated to dislocation formation. Figure 8 shows a TEM plan view and < 110) cross section of a 30-nmthick Gao.8oIoo.2oAs/GaAs heterolayer. A rough surface with a peak-to-trough amplitUde of 10 nm (about one-third the thickness of the layer thickness) is dearly visible in the cross-section view. The sample growth was epitaxial, but the sample thickness is very nonuniform. An orthogonal array of dislocations was not detected in this sample by conventional bright-field TEM, presumably because of the large lattice mismatch and thickness variations.
C. Ion blocking
Typical data obtained from the ion-biocking experiments are shown in Fig. 9 . Plotted in this figure are ion scat-FI G, 7. Surface morphology of a 1.,um-thick G<Io .• ,IIlo. IS As/GaAS sample as observed with (a) optical microscopy with a Nomarski attachment and (b) STM line scan in a (11O} direction. tering yields versus angle from the 160-nm-thick Gao.93 Ino.o7As layer (fined circles) and substrate (open circles). The yield of back scattered ions from the film is greater than the yield from the substrate, and the width of the blocking minima from the film is narrower. Both of these results are expected from the higher scattering factor of the heavier indium atoms in the film. The shifts in minima of the angular scans for the substrate and film were determined from measurement of the average position of the edges at half-height.
The error in these numbers depend on statistical fluctuations in the yield and by the degree of asymmetry of the blocking minima.
The angular shift a¢ can be converted to in-plane layer strain relative to the GalnAs, E~ , by the following geometrical relationship resulting from the tetragonal strain in the epitaxiallayer!2:
( 2) where if; is the angle between the (00l) surface normal and the ion-blocking direction, E~ is the perpendicular strain relative to the film, EO is the parallel or in-plane strain relative to the film, and a = 2( C 12 /C Il ). The elastic parameters C,2 and Cll and the lattice constants of the GaInAs layers were determined by linear interpolation from the bulk values for GaAs and InAs. In this way the expected angular shift in the ion-blocking minima from a (011) ion-blocking direction for pseudomorphic GaInAs with an indium composition of 0.07 ( ± 0.007) is 0.27 ( ± 0.03 t.
The (011) ion-blocking results for the series of samples grown with the same indium composition (0.070-0.075), but with layer thicknesses ranging from 45 to 580 nm, are listed in Table II . The angular shift measured for the 45-,90-, and 160-nm-thick films was O.32( ± 0.02)°. This is larger than expected, but just within range of experimental error. However, further experiments with improvements in the error might reveal that a is nonlinear at the surface of these films. A plot of film strain in a (100) directions, E" ' was calculated from these data using Eq.
(1).
The results are listed in Table II with the data from (011) ion blocking. If the strain was isotropic in the (001) Therefore, an asymmetry in the < 110) in-plane strain, A r' of 29% was detected in the x = 0.07 In sample. A similar result was obtained for the x = 0.20 sample CAr = 19%). In both cases the asymmetry is significantly greater than the relative error in the ion-blocking measurements.
D. Double~crystal x~ray difiractometry
Double-crystal x-ray diffractometry (004) rocking curves from Ga O . 93 Inum As/GaAs samples are presented as a function of thickness in Fig. 11 . Similar rocking curves were obtained from the {224} refl.ections. The difference in the substrate and layer peak positions, flO, decreases with thickness. Also, the base of the substrate peak begins to broaden in the 160-nm-thkk sample, increasing in width in the 580-n~-thick film to about four times the width of the 45-nm-thick film. The layer peak positions could be measured with an accuracy of ± 12 arcsec corresponding in most cases to an uncertainty in peak separation of less than 5%. The sign convention used is such that a negative 6.0 corresponds to the layer peak at an angle smaner than the substrate Bragg angle. A positive ad I d ratio indicates tensile strains or an expansion of the film lattice with respect to the substrate, while compressive strains correspond to a nega-TABLE II. In-plane strain at GalnAs/GaAs interfaces as measured by medium-energy ion blocking (MEIB). 
where ¢ is the angle of tilt between the lattice planes and the surface, and ~ and 91 are x-ray strains in the layer measured with respect to the substrate. In our experiments, the angle of incidence of the x ray with the surface was On -cp, requiring a negative sign in Eq. (5).
With use ofEQ. (5), e;= could be calculated directly from the (004) rocking curves, since in this case ¢ = O. Then, knowing ~'91 could be calculated from the {224} reHec-
. . (004) reflection from Ga.,.93 10 0m As/GaAs interfaces as a function of layer thickness. relative changes in E~ greater than 0.015% are significant. A relaxation in perpendicular strain was detected beginning with the 90-nm-thkk film consistent with dislocation formation. The formation of defects is also indicated by the broadening in the substrate peak that is observed beginning with the 160-nm-thick layer.
The in-plane strain El i is plotted as a function of thickness in Fig. 12 . The results for b.(} or E"~ in perpendicular (110) interface directions show that the in-plane strain was symmetric in the 45-, 90-, and 160-nm-thick layers, to within experimental error (24 arcsec), while the in-plane strain of the 300-and S80-nm-thick misfitted samples is asymmetric.
Calculations of the strain asymmetry, An from EU gave values of 18% and 30% for the 300-and 5S0-nm-thick samples, respectively.
IV. DISCUSSION
Interfacial dislocations at Ga O . 93 Inom As/GaAs interfaces began to form during growth at a layer thickness between 45 and 90 nm. Although in earlier work we did not detect dislocations in a 100-nm-thick sample of the same The critical thickness predicted by anisotropic equilibrium theory at this lattice mismatch for the formation of 60°-type dislocations is 28 nm-Iower than the observed range. 18 However, kinetic effects such as dislocation propagation velocities and interactions are not considered in equilibrium calculations. These factors have proven to be important l9 and are probably responsible for the higher critical thicknesses experimentally observed.
In the thinnest films (90 and 160 nm) the dislocations ( 60° type) formed in only one (100) direction at the interface. Anisotropic etching of a TEM sample showed that these were a dislocations. There formation was also detected by DXD and MEIB in the form of a relaxation oftetragonal strain seen by a decrease in the (004) expansion and in the in-plane contraction.
If it is assumed that the a dislocations were evenly distributed among the four possible 60°-type Burgers vectors than the expected in-plane strain relieved in one < 110) direction as calculated from their densities is 0.05-0.07 (± 0.01)% (Table I) . (The strain relieved in the perpendicular direction is zero by this assumption.) This value is comparable to the relaxation in in-plane strain of the two films measured by ion blocking in the (001) DXD results also show that in-plane (110) strains in the thinner films differed by less than 0.003%-0.015% in the two perpendicular directions rather than the 0.05% suggested by the above analysis. The sensitivity of this measurement was such that a difference greater than 0.02% would have been significant. This result indicates that the a dislocations, instead of being evenly distributed in Burger vector type, had either the same Burgers vector or were evenly distributed between two Burgers vectors. A single 60· dislocation alone or two together, for example, Burgers vectors (101] and [101] in Fig. 6(a) , provided both a screw and an edge component at the interface. By either arrangement of 60· dislocations the strain relieved in each (110) direction would then be equal and the dislocation densities would predict a strain relief of 0.025%.
At a layer thickness between 160 and 300 nrn f3 dislocations began to form in the perpendicular (110) directions, such that an orthogonal array of dislocations was observed. Dislocation densities in the two directions were equal, to within experimental error (10%), yet now a 20%-30% asymmetry in residual layer strain was measured by both MEIB and DXD. Edge dislocations were also observed in these thicker films.
The strain asymmetry in these thicker films can be explained by an uneven distribution of 60· or edge dislocations. This would likewise be consistent with the asymmetries in the surface corrugations observed in the thicker films. An uneven distribution of 60° Burgers vectors would also result in edge components of the plane of the interface and plastic deformation in a direction perpendicular to the interface. The edge dislocations observed which looped above and below the interface are perhaps evidence of this occurring.
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The layer strains estimated from dislocation densities in the thicker films were 20% greater than the results measured by MEIB or DXD (300-and S80-nm films). However, the TEM calculation assumed that only 60°-type dislocations were present. Ths suggests that the contribution made by pure-edge dislocations at the interface to strain relief and asymmetry is greater than 10% and cannot be neglected, Asymmetries in the straight-edge dislocation density at Ga O . 35 Ino.isAs/GaAs interfaces measured by CL and TEM have been reported. 8 Their formation is thought to occur through the reaction of 60°-type dislocations, a process which would be sensitive to 60' dislocation densities and to a and {3 identification.
It cannot be determined from our data whether the misfit dislocations formed by nucleation of surface loops and/or by multiplication of threading dislocations. However, threading dislocations have recently been shown to be the dominant nucleation mechanism in GaInAs/GaAs when other sources such as surface imperfections are unavailable. 19 In such a case, the multiplication mechanism proposed by Strunk, which results in parallel dislocations with the same Burgers vector,20 might be active in the thinner films and may explain the initial dislocation asymmetry. Alternatively, if surface nucleation is occurring. Maree et al. have suggested that partial dislocations are important. 21 In films under compression (such as GalnAs/GaAs) the nucleation of 60· dislocations is determined by the rate of nucleation of the 30· partial. Once an asymmetry in strain exists in the film the nucleation of this partial would occur preferentially in one direction and result in an asymmetric array of dislocations. For either of these mechanisms it is expected that the a vs {3 character of the di.slocation will be an important factor. However, further experiments are necessary before the details of this issue will be resolved.
\10 CONCLUSIONS
The measurement of strain and dislocation densities at Gal _ x lnx As/GaAs interfaces as a function of indium com~ position and layer thickness has been investigated by TEM, medium-energy ion blocking (MEIB), and double-crystal x-ray diffractometry (DXD). TEM studies show that at the thinnest dislocated interfaces (t = 90 or 160 nm, x = 0.07)
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60° a dislocations form first in only one {OOl) direction.
Surprisingly, an asymmetry in residual strain was not detected by DXD in these samples. In order that the strain is relieved equally in the two in-plane (110) directions the Burgers vector of these dislocations must therefore be restricted to one or two of the four, possible Bu.rgers vectors.
In the thicker dislocated samples (t > 300 nm, x = 0.07) orthogonal arrays of dislocations (60· and edgetype) form at the interfaces. Results from both ion blocking and DXD show that the orthogonal array of dislocations is associated with an asymmetry in strain parallel to the interface in perpendicular (110) directions. This asymmetry is 18% and 30% for
